Abstract: An accumulative swaging and bundling technique is used to prepare composite wires made of Ti and an Al alloy. These wires show reasonable higher yield stresses than expected from the pure material flow curves. The additional strengthening in the composite is analyzed using nanoindentation measurements, tensile testings and investigations of the microstructure. In addition, these properties are analyzed in relation to the fracture surface of the mechanically tested wires. Additional strengthening due to the presence of phase boundaries could be verified. Indications for residual stresses are found that cause a global hardness gradient from the center to the wire rim. Finally, the yield stress of the wires are calculated based on local hardness measurements.
Introduction
In the past few decades, a number of different methods has been established in order to deform materials to a very large plastic strain. Consequently, the methods involved, as well as the materials being processed are related to and described in terms of severe plastic deformation (SPD). The mentioned methods cover commonly used methods, such as equal channel angular pressing (ECAP) [1] [2] [3] , high pressure torsion (HPT) [4, 5] or accumulative roll bonding (ARB) [6] [7] [8] [9] , as well as comparably less applied ones, such as, e.g., multi-directional forging [10, 11] or twist extrusion [12] .
These methods allow the preparation of bulk ultra-fine grained (UFG) or even nano-crystalline materials [13] . However, co-deforming composites in a well defined way is a difficult task for most of these methods. Therefore, most of the materials that have been processed by SPD-methods are single component materials. The ARB process is an exception that allows homogeneous co-deformation of different phases of one material or even of different materials up to a certain extent [14] [15] [16] [17] .
Another exception to applying SPD is represented by an accumulative swaging and bundling process (ASB). This process has recently been applied on Ti-Al composites [18, 19] . The present investigations were also performed on composites made from Ti and an Al alloy being co-deformed by ASB up to strains that reveal a UFG microstructure. These wires show extraordinary properties, since their yield stress is found to be higher than expected from a combination of the yield stress values of the individually deformed materials.
Therefore, the phase boundaries introduced by ASB are expected to be responsible for the additional strengthening. They are studied in detail using nanoindentation hardness measurements. It is found that phase boundaries play a crucial role when dealing with this kind of composite. In combination with tensile testings, microstructural analysis and fracture surface analysis, a comprehensive picture of the mechanical behavior of such composites is drawn. This is thought to be necessary, since the observation of an additional strengthening effect by phase boundaries opens up the opportunity to further enhance the mechanical properties of SPD materials.
Experimental Section
The material studied was processed by co-deforming an Al alloy 5049 rod within a Ti grade 1 tube accumulatively via rotary swaging. The preparation route has been reported earlier [18, 19] . Without any re-stacking, such a composite is denoted as TiAl0, where the number corresponds to the number of already applied stacking cycles. After one, two or three applied stacking cycles, samples are referred to as TiAl1, TiAl2 and TiAl3, respectively. Due to stacking pre-deformed into un-deformed material and subsequently co-deforming both, the cross-section of the final composites consists of differently pre-strained areas, as shown in Figure 2 . Tensile tests were carried out at room temperature using an Instron 8502 tensile testing machine in strain controlled mode at a constant initial strain rate of 3.3 × 10 −4 s −1 .
Flow curves were obtained by deforming the single materials by rotary swaging at room temperature in passes of 20% area reduction per pass up to a log deformation strain of 4.5.
The nanoindentation experiments were performed on a Nanoindenter G200 (Agilent Technologies, Chandler, AZ, USA), using a three-sided Berkovich diamond and a continuous stiffness measurement (CSM) technique. Tip shape calibration was performed according to the Oliver-Pharr method [20, 21] , and the machine compliance was taken into account. Using a standard CSM method, the indentation stiffness is determined continuously, and the reduced modulus and indentation hardness can be obtained as a function of the indentation depth.
Nanoindentations were performed as constant strain-rate controlled (0.05 s −1 s) to different preset indentation depths (100, 500, as well as 1000 nm). Arrays of 3 × 30 indents were directly positioned over the Al/Ti interfaces [22] ; thereby, neighboring indentations were separated by a minimum distance of 20 times the maximum indentation depth to avoid the influence of the resultant plastic zone around every indentation [23] . The depth-dependent hardness was averaged between 80-90 nm or 400-450 nm, respectively. Scanning electron microscopy (SEM) was conducted using a Zeiss Gemini 3500 LEO microscope set up with a field emission gun operating at 20 kV acceleration voltage in SE and BSE modes.
The distances of single indentations to phase boundaries were examined using SEM images of the indentation arrays using standard image analysis software.
It should be kept in mind that many of the discussed measures in the present study, such as stresses or strains, are tensors. Nevertheless, for a possible application, the most important measures are the properties in wire direction, such as yield stress or Young's modulus. Discussing them as scalars with respect to the wire axis (as it is often done in this study) sounds therefore reasonable, but when interpreting the data, it should be kept in mind that the underlying problem is of a higher dimensionality. Figure 1 shows the flow curve of Ti grade 1, AA 5049 and the composite made from both materials. The flow curves of the individual materials are approximated using Ludwik's law [24] :
Results and Discussion

Flow Curves of the Individual Materials and the Composite
Herein, τ L (ρ) and n L are the true yield stress and hardening exponents after Ludwik, respectively, τ 0 and k represent material-dependent constants and ρ the true strain. Furthermore, the expression presented by Hockett and Sherby [25] is alternatively used for fitting the experimental data:
Herein, τ H (ρ) represents the true yield stress after Hockett, τ s the saturation flow stress for infinite strain, N and p are free parameters and τ y represents the yield stress at zero strain. The commonly used power-law given by Hollomon [26] also fits the presented data, primarily resulting in lower hardening exponents and significantly lower correlation than the two models shown before. Hence, only Ludwik's law and Hockett's equation are discussed in this study. The derived parameters for Ti and AA5049 are given in Table 1 according to both equations. In the case of the Al alloy, Hockett's equation converges in a parameter set that exactly reproduces Ludwik's law, taking an unrealistically high saturation stress into account. Therefore, the exponent, p, was fixed for the calculation to 0.58. This is believed to be reasonable, since Hockett found exactly the same value experimentally for α-uranium and Armco iron. In this study, the same value was found to give very good agreement with experimental data for the used commercially pure titanium, even though all three materials differ entirely in their structure.
Obviously, both power-laws highly correlate with the measured flow curve data in the region 0 ≤ ρ ≤ 5. Hence, both are extrapolated to a true strain value of 17 in order to estimate the hardening behavior of the individual materials up to very high deformation strains (like is reached for the composite using accumulative swaging and bundling). This is done since the individual materials could not be deformed to such high values without introducing significant scatter, due to the resulting small cross-section.
As the composite material is prepared by accumulative swaging and bundling, the cross-section of each composite differs in composition, because of the new Ti shell that is added to the composite within each stacking cycle. Nevertheless, during each deformation route up to the point where a new stack is formed, the volume fraction of the different phases and the differently strained parts of the cross-section are constant. The corresponding volume fraction is estimated by combining the results of mass density measurements and area analysis by optical microscopy and are given in Table 2 . The different parts of the cross-section are exemplarily shown for clarity in Figure 2 for the TiAl0 and TiAl2 composite. In the latter one, just before the new stacking, the Al alloy has experienced a true strain of 12.6, while the Ti shell, which was not introduced before the last stacking cycle, is only strained to a true strain of 4.3 in that composite. The different straining of the material results in different hardening and, therefore, locally different flow stresses, which are believed to follow the extrapolations shown in Figure 1 . Figure 2 . Visualization of the differently strained parts of the cross-section of the two composites, TiAl0 and TiAl2 (without stacking and two times stacked, respectively), in back scattered electron images. The given numbers correspond to the true strain of the cross-section shown.
In a simple attempt to calculate the yield stress of the composite based on the yielding behavior of the individual materials, the yield stress of each individual part of the wires is weighted by the corresponding volume fraction (Table 2 ) and, thus, adds to the calculated yield stress of the entire wire. Data obtained in such a way is also illustrated in Figure 1 (violet: Ludwik; black: Hockett).
The value of the yield stress being calculated for the composite upon Hockett's equation (Equation (2)) fits the experimental data for very high strain (14-17) very well, while Ludwik's law seems to overestimate the yield stress in that region. This sounds plausible, since Hockett's equation was originally introduced to describe a material flow stress at very high deformation strain levels, which is also the case here.
Furthermore, the composites, TiAl0 (unstacked) and TiAl1 (stacked once), show yield stresses well above the calculated ones, even in the range of 0 ≤ ρ ≤ 5, where measured, but not extrapolated, data of the individual materials is presented. This is not expected, since phase boundaries, as they are introduced in the composite, usually weaken the composite, due to inhomogeneities, contaminations, oxide layers or small cracks having a negative influence on the entire compound all together. In Figure 2 , such cracks are even visible over the full length of the phase boundary. Even though these negative influences should decrease the composites' mechanical properties, due to the reduction of the effective cross-sectional area, the measured yielding point is (in places) up to 100 MPa higher compared to the calculations. Hence, the introduced phase boundary also strengthens the composite in some way.
This strengthening effect seems to decrease with increasing accumulated strain or with more phase boundaries being introduced, as differences between the calculated and the measured data is reduced for the composites, TiAl2 and TiAl3. Hence, the additional strengthening does not primarily scale with the number of phase boundaries. Apparently, their mean distances have to be taken into account as characteristic length scales.
These mean distances between phase boundaries for the composites are: TiAl0: 2.2 mm; TiAl1: 280 µm; TiAl2: 35 µm; and TiAl3: 5 µm. The strengthening effect is strongest for the first two, where characteristic length scales are well above 100 µm. This indicates that the operating strengthening mechanism does not act as simple dislocation barriers, which would be comparable with grain boundaries in terms of the Hall-Petch relationship. The observed strengthening is more effective at larger length scales.
Nanoindentation of Each Wire Part
To study the observed strengthening effect in more detail, nanoindentation measurements were deployed at the different parts of each composite. This attempt was made to find out whether a local hardness increase near phase boundaries could be a possible origin of the effect.
By using this technique, it is possible to study local hardness effects near phase boundaries and according to the overall position in the wire (e.g., the distance to the wire axis). The Ti part of the composites increases in hardness depending on the absolute true strain level (Figure 3a) . It is observed that Ti with the same nominal true strain level shows a lower hardness near the wire rim than at the center. Almost the same behavior is found for the Al alloy. The wire center is the region where no additional shearing during rotary swaging occurs; therefore, deformation is homogeneous up to the very end of the deformation route. This is not the case for regions near the wire rim, where additional shear deformation takes place, due to friction with the rotating forming tools. This is believed to be one of the reasons for the lower hardness in this region, but temperature might also play a role. Taking Titanium's low thermal conductivity into account, it seems plausible that heat can accumulate during deformation within the Ti-rich regions near the wire rim. This can lead to a more pronounced tendency for recovery mechanisms. Nevertheless, further studies with sacrificed thermocouples on temperature development during deformation demonstrate that the maximum temperature reached during deformation is approximately 300°C for just a few seconds [27] . Significant recovery in Ti is therefore unlikely to cause the lower hardness near the wires' rim. Another possible explanation for this observation is a texture gradient or a certain residual stress state that differs from the center to the rim of the wires.
Within one certain Ti part, there is no change in hardness visible, when a phase boundary is approached. This is shown in Figure 3b for the Ti bridges strained to a true strain of 8.5 in the different composites that have these bridges available. The mean hardness value is about 4 GPa and is roughly the same for all composites. Only hardness in TiAl1 is slightly increased compared to the others.
In other words, the hardness in Ti and AA5049 correlates with the true strain, but there is no phase boundary-driven hardness increase or decrease visible in the Ti parts of the composites. The wire center is, in all cases, slightly harder than comparable regions near the rim. Since the latter observation is found for all composites, it can be excluded to be the only reason for the higher-than-expected composite yield stresses in Figure 1 , since the difference to the expected values is strain dependent.
At very low strains, Müller found the radial strain in single component materials deformed by the present process to be at a small maximum near the wire axis [28] . A higher stain compared to the rim could explain the higher hardness near the wire axis. Nevertheless, at high strains, as they are obtained here, this effect should be neglected, due to the marginal slope of the flow curve at high strains. It is therefore assumed that the hardness gradient in Ti and Al from the center to the rim is the result of a complex residual stress state.
At this point, it should be mentioned that hardness measurements will only be sensitive for radial and circumferential stresses, since axial residual stresses disappear when cutting the wires for preparation. However, they give rise to the assumption of a complex residual stress state, which will have an influence on hardness measurements, as well as the global yield stress. A direct measurement of these stresses is difficult. By neutron measurements, it is not possible to distinguish between the differently strained parts, and the composite itself causes problems, as well. Local strain measurements by X-ray measurements suffer from the texture in Ti (the c-axis is aligned parallel to the radial direction) and the bad FWHM (full width half maximum) of the reflexes, due to the high strain. Finite element modeling might help in this case, but the problem is still quite complex, due to the wires' structure.
In Figure 4a ,b, hardness values of the different strained parts of the Al alloy are shown. In the TiAl3 composite, phase boundary distances approach the residual impression size for higher indentation depths. At the same time, comparable data for all composites is needed. Hence, all measurements were averaged in a range between 80 and 90 nm of indentation depth. Of course, this introduces more scatter, especially for the lower strained composites, but all measured hardness data is directly comparable. To give an impression of the depth-dependent hardness [29] , Figure 4a also shows that the hardness data of TiAl0 averaged between 400-450 nm. With increasing indentation depth, the hardness slightly decreases, due to a less pronounced indentation size effect (ISE). Since the investigated grain structure is ultra-fine grained, a reduced ISE and, thus, a more or less depth independent hardness was expected, due to the reduced internal length scale in UFG-and nanocrystalline (NC) -materials [30, 31] . In the case of the TiAl0 composite, a slight increase in hardness with decreasing boundary distance is observed (from ca. 1.5 GPa at the maximum distance to ca. 1.75 GPa near the boundary). This is a little less pronounced for the data taken at 400-450 nm of indentation depth (from ca. 1.4 GPa to ca.
GPa).
The TiAl1 composite develops a hardness value of about 2.14 GPa far from the next boundary. However, hardness increases next to a boundary to roughly 2.75 GPa at the wire rim and almost to 3 GPa near the wire center. This corresponds to an increase in hardness of about 25%-35% starting at a distance of about 70 µm from the boundary.
The Al part of TiAl2 and TiAl3 shows no significant phase boundary effect, mainly due to the large scatter (compare the mean values in Figure 3a) .
Their hardness value seems to saturate just below 3 GPa in the wire center and at 2.75 GPa near the rim. This is almost the same hardness level that is reached by TiAl1 near the phase boundary. Therefore, it is not clear whether this hardness value is related to phase boundaries or to the higher strain, since the boundaries are already very close together. The Al microstructure in both cases has already saturated in grain size, and no grain size gradient within the Al filaments is observed.
Nevertheless, an increase in Al hardness next to a phase boundary can be proven. It is most pronounced in the TiAl1 composite, which is also the one with the largest differences in yield stress compared to the calculations. This is a sign that the local hardness increase is directly connected to the macroscopic yield strength enhancement.
Thereby, an influence of the measurement itself on the hardness increase can be neglected, since the effect already starts 70 µm away from a boundary, while the indentation size at the analysis depth is below 1 µm. Figure 5 shows the Al microstructure far from a phase boundary (left side) for TiAl0 and TiAl1 and close to a boundary (right side). Without performing a detailed grain size analysis, it is obvious that the grain size changes not only from ρ = 4.3 (TiAl0) to ρ = 8.5 (TiAl1), but also with the distance to a boundary. The grain size is a striking parameter in SPD processed materials. A decreasing grain size with strain is not surprising and is commonly put into relation with strength and hardness. Earlier studies reveal that the grain size is reduced from TiAl0 to TiAl1 from 0.8-3 µm to 0.4-1.25 µm (depending on the grain boundary definition), respectively [19] . This, however, only holds for regions far from boundaries. Here, it is evident that the grain size is further reduced next to a phase boundary. The additional shear deformation at the very outside of TiAl0 due to the influence of friction with the forming tools is a sound reason for this observation. Additional shearing causes a more complex displacement tensor in the affected region. This requires more active slip systems or, at least, the already active ones to be activated in a more distinctive way. Hence, a more pronounced dislocation-based hardening is the consequence. This is a possible explanation for the smaller grain size there, as well, since grain fragmentation during SPD is believed to be accompanied by dislocations, forming cell walls, followed by low angle grain boundary formation [32] .
Al Microstructure Near Phase Boundaries
To sum up the previous statements, it is proposed, that the (local) hardness increase next to phase boundaries arises from: (i) higher dislocation activity due to localized additional shear deformation; and, in consequence, (ii) a smaller local grain size based on the advanced stage of grain refinement in these areas. However, the grain size might not be the most important parameter, since, for TiAl0, the grain size near the boundary is significantly reduced, but hardness is only slightly increased. The effect is more pronounced for TiAl1. Superimposed residual stresses are one explanation for the different behavior in TiAl0 and TiAl1 regarding the grain size; another would be a possible local change in texture. However, this is not addressed in the present study.
Since the filament size becomes very small for TiAl2 and TiAl3, a similar result is not found for these composites. For most filaments of these composites, neither a grain size nor a hardness gradient can be detected. Nevertheless, the decreasing hardness in the radial direction is still observed for Ti and Al in TiAl2 and TiAl3, which indicates that the underlying mechanism for the global hardness differences (from the wire center to rim) and the local (within a filament in TiAl1) mechanism is of a different nature.
Fracture Surface Analysis
An overview of the fracture surfaces for each composite after tensile testing is given in Figure 6 . All wires show pronounced necking, which indicates the remaining ductility under the set testing conditions. The Al core in TiAl0, as well as many of the filaments resulting from the last stacking cycle in the other composites even exhibit individual necking. This means, that almost all parts of the wires are loaded and yielding more or less simultaneously.
Interestingly, in the TiAl1 and TiAl2 composite, some of the filaments near the center show smooth surfaces and no or much reduced necking than filaments near the wire rim. This indicates that the fracture near the wire axis is of a more brittle nature in these cases. This is the same region where hardness was found to be increased compared with zones near the outer shell. The observation raises the assumption that fracture starts near the softer wire exterior or even in the wire shell, as necking (as an indication of local strain) is further advanced there. After crack propagation becomes critical and the first filaments are torn apart, the load on the remaining filaments increases rapidly, as well as their local strain rate. This might lead to a brittle fracture characteristic of the center filaments and could explain the observations. It is not quite clear why this behavior is not found in the fracture surface of TiAl3. Two reasons are possible: (i) the crack initiation occurred at a higher load compared with TiAl1 and 2; or (ii) the overall wire configuration is more homogeneous, due to the already small volume fraction of Al compared to the other wires.
Global Yield Stress Calculation
It has been proven for many kinds of different materials that there is a linear relationship between hardness and yield strength [33, 34] . This relationship even holds for cold worked,UFG or NC materials [35] . The linearity only depends on the hardness measurement set up, e.g., the indenter type, indentation force or time.
Since all hardness measurements in this study were carried out under exactly the same conditions, a certain linear correlation should be obtained, as well. In Figure 7 , mean values of hardness measurements taken from different composites are shown additionally to the already discussed flow curves and their extrapolations. The turquoise filled diamond symbols correspond to the differently strained Ti parts near the center of the TiAl3 composite. The unfilled symbols represent the equivalent hardness values near the wire rim. Note that they are shifted to lower strain values manually by 0.3 for better visibility, but belong to the same strain level as the filled data points.
It turns out that the observed hardness values of the titanium used near the wire center exactly follow the previously discussed Hockett equation. This gives rise to Hockett's assumption that Ti in this case is strengthened mainly due to cell formation and the approach of a steady-state cell size. Nevertheless, the strong correlation between hardness and the proposed yield stress by Hockett allows the determination of the linearity factor between them. This approach seems justified, since Figure 3b showed that Ti hardness is not influenced by phase boundaries and should therefore be only dependent on the condition of strain hardening. Furthermore, recrystallization or related softening phenomena should be suppressed, due to the low homologous temperature during room temperature deformation. If one now assumes the expression:
(H N , hardness obtained with the described nanoindentation set up; k, the linearity factor; σ y , the true yield stress) to be true, then k is estimated to 4.425 using the four data points shown. The same trend is observed for the hardness values in the TiAl2 and TiAl1 composite, but the corresponding data points are not shown in the figure for clarity (they can be found in the Supplementary). Tabor estimates the linearity factor in this equation to a significantly lower value of k T = 2.8 [36, 37] . Despite the fact, that the ISE can increase the k-value when dealing with very small indentations, the indentation strain rate (0.05 s −1 ) was about two orders of magnitude higher than the strain rate during tensile testing (3.3 × 10 −4 s −1 ). Hence, estimated hardness values overestimate the local compared to the macroscopically estimated yield stress. However, the aforementioned problems should be kept in mind, but only affect the absolute value of k, not the linear relationship in principle. 
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The brown triangle symbols in Figure 7 show the hardness of the Al phase, and for some reason, they do not follow the proposed trends by Ludwik and Hockett and are shifted to higher values then expected. Besides the amount of true strain and the additional Ti shell, the amount of phase boundaries in the composite is the only parameter changed. Therefore, phase boundaries influence the Al hardness level on top of strain.
Al in TiAl0 (ρ = 4.3) is least affected by phase boundaries, since there is only one in the composite. As a consequence, its hardness (taken far from the boundary) almost meets the measured data by applying Equation (3) . In TiAl1 (ρ = 8.4), hardness is already shifted to more than 2 GPa, even at the highest possible distances to the next phase boundary. This is significantly more than expected, and therefore, a noticeable contribution to the hardness on top of strain is active. It was already stated that residual stresses might play a role in this case, since their occurrence could also explain the Ti hardness gradient from the center to the rim. The latter observation is not found for the Al in TiAl0 and TiAl1, but for TiAl2 and TiAl3, respectively.
The hardness of Al in TiAl2 and TiAl3 (ρ = 12.5 and 16.6) is superimposed by an exaggeration at the phase boundaries, as was shown in Figure 4 , and is, therefore, not directly comparable to TiAl0 and TiAl1.
However, if the prior obtained value for k = 4.425 is taken to be correct in this particular case, the following thought experiment becomes possible: The yield stress of the composite can be thought of as the sum of the yield stresses of all of its parts. Those can be obtained by Equation (3) and the given k-value. Then, the corresponding volume fraction of each part is allocated to the obtained yield stress.
The total composite yield stress should then be obtained by summing up all parts of the composites.
Since hardness differs from center to the rim of each wire, an arithmetic mean value is calculated from each wire considered completely as the rim and center, respectively. Then, the obtained value is compared to the composite yield stress measured in tension (the diamond symbols in Figure 1 ). The obtained values are given in Table 3 for comparison. The calculated values in the table are in very good agreement with the measured data, especially when taking the additional hardness enhancement in the Al alloy for the TiAl1 composite into account. The corresponding value is given in brackets. A detailed calculation of the errors of the measured and the calculated values is given in the Supplementary, and the results are also given in the table. Although some error bars in Figure 7 would suggest a higher error for the calculated yield stresses, the most likely errors according to Gaussian's law of error propagation are in a reasonable range of 24 MPa to 39 MPa.
This good agreement could also be achieved by chance. Nevertheless, the calculation gives very good agreement for all of the differently composed composites, not only TiAl3, from which the k-factor is derived. From this point of view, the proposed thought experiment gives proof to the assumptions being made, which were: (i) the Hockett equation describes the flow stress of Ti grade 1 up to a true strain of 17; (ii) there is the same linear correlation between hardness and yield stress for both materials; and (iii) the yield stress of the composite can be obtained by adding the yield stresses of the composite parts weighted with their volume fraction.
While (i) and (ii) were already discussed, (iii) seems only possible when yielding starts in every part of the composite at the same time (or the same external load). First of all, this sounds non-credible, since Ti and Al are different in their Young's modulus and in their overall flow stress. An external load on a composite of both would certainly lead to one component starting to yield before the other one does.
In fact, this is not the case here when the preparation route of the wires is considered. All parts of the wires are deformed simultaneously during preparation. This means that after a certain threshold strain is reached at the very beginning of the deformation route, all phases yield concurrently. Subsequent to deformation, the wires relax elastically. Due to the different yield stress levels in the different parts and the different elastic modulus, the relaxed state will not cause every wire part to reach a zero stress level, but rather, their sum will do so. Hence, a characteristic residual stress state within each wire is expected. This supports the indications found for residual stress discussed earlier.
Nevertheless, when such a relaxed wire is loaded again, e.g., in a tensile test, all parts of the wires should then reach their yield stress at the same time (external load) again, which makes assumption (iii) plausible. Additionally, when the obtained fracture surfaces in Figure 6 are considered, assumption (iii) is also supported, since almost all filaments show independent necking, which is an indication for simultaneous yielding.
Conclusions
Using an accumulative swaging and bundling technique, different composite wires made from Ti and the Al alloy 5049 in a severely plastically deformed condition are prepared. These wires show higher yield stresses than one can expect from the individual flow curves.
For the analysis, flow curves of the individual materials (up to a true strain of 4.5) are inter-and extrapolated using Ludwik's law and Hockett's equation, respectively. Both descriptions show a very good agreement with the experimental data. However, for very high strains up to 17, Hockett's equation fits the hardness data taken from nanoindentation almost perfectly, while Ludwik's law seems to overestimate the true yield strength.
An increase in hardness for the Al alloy was found, when a phase boundary is nearby. The same effect was not observed for Ti. This hardness increase is thought to arise from: (i) higher dislocation activity, due to localized additional shear deformation; and as a consequence, (ii) smaller grain sizes based on the advanced stage of grain refinement in these areas.
A global hardness gradient was found for almost all wire parts: the center of the wires showed increased hardness, while comparable areas near the rim were softer. It is proposed that a characteristic residual stress state causes this behavior.
Based on local hardness measurements, an attempt was made to calculate the overall yield stress by making three simple assumptions to the yielding behavior of the wires: (i) the Hockett equation describes the flow stress of Ti grade 1 up to a true strain of 17; (ii) there is the same linear correlation between hardness and yield stress for both materials; and (iii) the yield stress of the composite can be obtained by adding the yield stresses of their parts weighted with the volume fraction accordingly.
Despite the fact that the assumptions made are arguable, the global yield stress of all wires could be calculated with reasonable accuracy.
